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Abstract: Prior cold deformation is known to influence the ferrite-to-austenite (α → γ) transformation
in medium-manganese (Mn) steels that occurs during intercritical annealing. In the present study, a
7Mn steel with ultra-low residual carbon content and varying amounts of prior cold deformation was
intercritically annealed using various heating rates in a dilatometer. The study was conducted using
an ultra-low carbon steel so that assessments of austenite formation during intercritical annealing
would reflect the effects of cold deformation on the α → γ transformation and Mn partitioning and
not effect cementite formation and dissolution or paraequilibrium partitioning induced austenite
growth from carbon. Increasing prior cold deformation was found to decrease the Ac1 temperature,
increase austenite volume fraction during intercritical annealing, and increase the amount of austenite
nucleation sites. Phase field simulations were also conducted in an attempt to simulate the apparent
accelerated α → γ transformation with increasing prior cold deformation. Mechanisms for accelerated
α → γ transformation explored with phase field simulations included an increase in the amount
of austenite nucleation sites and an increased Mn diffusivity in ferrite. Simulations with different
amounts of austenite nucleation sites and Mn diffusivity in ferrite predicted significant changes in the
austenite volume fraction during intercritical annealing.
Keywords: intercritical annealing; medium manganese steel; phase field simulation

1. Introduction
Intercritical annealing of medium-manganese (Mn) steels, containing 4–10 weight percent (wt%)
Mn, is an advanced high-strength steel concept primarily intended for automobile components. Due to
the high hardenability of medium-Mn steels, a microstructure primarily consisting of martensite is
generally observed upon cooling from hot-rolling [1]. Prior to cold-rolling, tempering is often employed
to soften the steel, resulting in a microstructure consisting of deformed ferrite/tempered martensite
immediately prior to intercritical annealing. Upon intercritical annealing, austenite forms, and carbon
(C) and Mn partitioning to austenite occurs, allowing all or some of the austenite to be stabilized to
ambient temperatures upon cooling [1–3]. The mechanical performance of intercritically annealed
medium-Mn steels is dependent on the austenite content, composition, and stability [3]. To develop
medium-Mn steel grades of various strength levels, it is crucial to control the austenite content and
composition resulting from intercritical annealing heat treatments.
It has been shown that increasing the amount of cold deformation prior to intercritical annealing
accelerates the ferrite-to-austenite (α → γ) transformation [4]. Studies of austenite formation upon
heating and intercritical annealing of conventional Fe-Mn-C alloys with leaner Mn content suggest
that interplay between ferrite recrystallization and austenite formation affects the austenite amount
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and dispersion formed during intercritical annealing [5–7]. Carbon bearing alloys have additional
complexity associated with austenite nucleation and growth during intercritical annealing relative to
binary Fe-Mn alloys due to the presence of cementite. Studies on austenite formation during intercritical
annealing have reported austenite to form at ferrite boundaries [5,8] as well as at cementite-ferrite
interfaces [9]; it is reasonable to expect that austenite formation under these different conditions
would not be associated with identical growth rates or compositions. Considerable Mn enrichment
of cementite during intercritical annealing has also been reported [8]. Mn enrichment in cementite
likely influences the cementite dissolution behavior and therefore the amount of Mn and C solute
available to partition to austenite. In the absence of carbon, austenite formation assessments should
enable a clearer understanding of the effects of cold-rolling on austenite nucleation and growth during
intercritical annealing.
The work presented herein pertains to a two part study on intercritical annealing of a 7Mn steel
with an ultra-low residual carbon concentration; the study is comprised of an experimental section
that includes austenite formation assessments and a simulation section that explores some possible
mechanisms for the accelerated α → γ transformation upon intercritical annealing due to increased
prior cold deformation. For the experimental portion of this study, three different conditions of the
7Mn steel were produced, each with a different amount of prior cold deformation, so that the effects of
prior cold deformation on austenite formation during intercritical annealing may be distinguished.
For the simulation portion of this study, phase field simulations were conducted for the prediction
of microstructural evolution during intercritical annealing of a 7Mn steel. Phase field simulations
give a visual output for the translation of domain boundaries over space and time. For the purpose
of simulating microstructural evolution, domains are specified to be specific phases or constituents
present in the microstructure. Each domain in a phase field simulation is designated a unique order
parameter, which is a function of position and time. When the order parameters are plotted as a
function of their positions, the output is analogous to a micrograph. The evolution of the order
parameter distribution over time is motivated by the minimization of the local free energy of the
system. A derivation for the free energy functional of the system and how order parameter transitions
are derived from the minimization of the local free energy can be found in a review of the phase field
method by Steinbach et al. [10]. The temporal evolution of the order parameter distribution is solved by
a set of coupled differential equations commonly referred to as the ‘phase field equation’. Additionally,
solute concentration fields and diffusivities can also be coupled to the phase field equation to influence
the migration of the order parameter domain boundaries. For more information on the application of
phase field method to modeling of microstructure evolution in steels, the reader is referred to a review
article by Militzer [11].
Simulations in this study were conducted using the phase field simulation software MICRESS® .
Various simulations were conducted using different values for select parameters in an attempt
to incorporate mechanisms that may lead to accelerated α → γ transformation due to prior cold
deformation. The mechanisms considered include an increase in the number of austenite nucleation
sites due to increased ferrite grain boundary area and an increase in the Mn diffusivity in ferrite due to
the high defect density anticipated in cold-worked ferrite.
2. Materials and Methods
The composition of the steel used in this study was 0.0005C-7.19Mn-0.25Si wt% The as-received
material was cast from a vacuum melt, reheated to 1230 ◦ C, hot-rolled to a thickness of 2.87 mm and
furnace-cooled from 650 ◦ C, before being cold-rolled to a thickness of 1.42 mm (50 pct reduction).
Three different conditions of the 7Mn steel were used in this study. The condition denoted from here
on as ‘CR500 is the material in its as-received, cold-rolled condition. Some of the CR50 material was
further cold-rolled to a thickness of 0.97 mm (66 pct total reduction); these samples are denoted as
‘CR660 . Additionally, to provide a uniform initial microstructure for comparison to the cold-rolled
conditions, samples were cut from the CR50 sheet, austenitized under vacuum at 850 ◦ C for 300 s and
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quenched to 30 ◦ C at 100 ◦ C/s with Helium (He) gas before being placed in liquid nitrogen for 300 s;
these samples are denoted as ‘AQ’ (as-quenched).
Rectangular samples measuring 4.0 mm × 10.0 mm of each material condition were machined with
the long axis parallel to the rolling direction and processed under vacuum in a DIL 805A dilatometer
(TA Instruments, New Castle, DE, USA). For in situ austenite volume fraction assessments during
intercritical annealing, samples were heated to 650 ◦ C at rates ranging from 0.05 to 96 ◦ C/s and held for
1000 s. Subsequently, the samples were heated to 850 ◦ C at a rate of 10 ◦ C/s.
Samples for metallography were either heated to 650 ◦ C and quenched or heated to 500 ◦ C and
held for 10,000 s and quenched. The Ac1 temperature was determined via dilatometry by applying
a linear offset corresponding to one volume pct austenite formation from the heating portion of the
dilation data prior to the Ac1 temperature. The Ac1 temperature was determined to be the temperature
where the experimental dilation curve intersected the linear offset. For samples with heating rates
exceeding 3 ◦ C/s, heating continued to 900 ◦ C to ensure the Ac1 temperature was realized upon heating.
Ac1 temperature measurements were taken on three samples for each condition and heating rate.
The austenite volume fraction during intercritical annealing was assessed by application of a lever
rule to dilation measurements [6,12]. Figure 1 shows exemplary dilatometry data for a sample heated
to 650 ◦ C and held for 1000 s followed by heating to 850 ◦ C. Overlaid on the data are dashed lines
that extrapolate thermal expansion of the sample corresponding to regions when the sample is fully
ferritic/tempered martensite and fully austenitic, labeled α and γ, respectively. Another overlaid line,
vertical at 650 ◦ C and bounded by points A and D, corresponds to the relative dilation of the sample
corresponding to complete α→γ transformation. The length of line A-B divided by the length of line
A-D corresponds to the austenite volume fraction formed upon heating, the length of line B-C divided
by the length of line A-D corresponds to the austenite fraction formed during isothermal holding, the
length of line A-C divided by the length of line A-D corresponds to total austenite fraction formed
during intercritical annealing, and the length of line C-D divided by the length of line A-D corresponds
to the fraction of additional austenite formed upon heating to 850 ◦ C, after intercritical annealing.

Figure 1. Schematic depicting method for in situ austenite volume fraction assessments from dilatometry
during intercritical annealing. Overlaid on the dilation data are dashed lines that extrapolate thermal
expansion of the sample corresponding to regions when the sample is fully ferritic/tempered martensite
and fully austenitic labeled α and γ, respectively. The line length fraction AC/AD corresponds to
austenite volume fraction formed during heating and isothermal holding.

For metallography, samples were sectioned with the cross-section normal perpendicular to the
rolling direction. Samples were then mounted, polished, and etched with a one pct Nital solution and
analyzed with a JOEL 7000 field-emission scanning electron microscope (FESEM) (JOEL USA, Peabody,
MA, USA) using a 15 kV accelerating voltage and a working distance of 10 mm.
Simulations of microstructural evolution during intercritical annealing were conducted using the
phase field simulation software MICRESS® (version 7.117, ACCESS e.V., Aachen, Germany) utilizing
the TQ module which allows MICRESS® to interface with Thermo-Calc® Software databases; the
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TCFE9 Steels/Fe-alloys database was used for all MICRESS® simulations. All MICRESS® simulations
conducted were for intercritical annealing at 650 ◦ C and a heating rate of 96 ◦ C/s for a steel with a
composition of 7.19Mn-0.25Si wt%. The 5 µm × 5 µm area simulated had an initial microstructure
consisting of elongated ferrite which contained a specified amount of stored strain energy; this
initial microstructure was constructed with the intent of representing cold-rolled ferrite. As time
progressed in each simulation, the elongated ferrite was consumed concurrently by nucleation and
growth of both strain-free ferrite and austenite. Strain-free ferrite nucleation was specified to nucleate
within the initial elongated ferrite grains while austenite was specified to nucleate at ferrite grain
boundaries, including grain boundaries between strain-free and deformed ferrite. The number of
austenite nucleation sites was limited to a specified number of nucleation events. To reduce simulation
time, all simulations began with heating from 400 ◦ C. Table 1 lists values used for the initial simulation
relating to interfaces, austenite nucleation, Mn diffusivity in ferrite, and stored strain energy of ferrite.
Interfacial energy values are identical to those used by Zhu and Militzer for a phase field simulation
developed for predicting the microstructural evolution during intercritical annealing of dual-phase
steels [13]. The α-γ interface mobility pre-factor, M0 , and activation energy, ∆G*, used by Zhu and
Militzer were initially adopted for all interfaces in the simulation. The mobility pre-factor was adjusted
to produce simulations that predicted stable austenite growth at 650 ◦ C. The number of austenite
nucleation sites was chosen to reflect qualitative metallography observations. The diffusivity pre-factor
and activation energy for Mn in ferrite were adopted from De Cooman and Speer [14]. The stored strain
energy in ferrite was chosen to be greater than that use by Zhu and Militzer (2 J/cm3 ) by approximately
a factor of six and was specified as a range to reflect inhomogeneity in the amount of stored strain
energy in cold-rolled ferrite.
Table 1. Parameters for Initial MICRESS® Simulation.
Parameter

Value

Interface Energy (J/cm2 )
α-α
γ-γ
α-γ
Interface Mobility (α-α/γ-γ/α-γ)
M0 (cm4 /J s)
∆G* (J/mol)
Number of γ Nucleation Sites
Mn Diffusivity in α
D0 (cm2 /s)
Q (J/mol)
Stored Strain Energy in α (J/cm3 )

8.0 × 10−5
5.0 × 10−5
7.0 × 10−5
0.05
140,000
20
0.756
224,500
10–15

Additional simulations were conducted using variations of select input parameters in an attempt
to incorporate mechanisms that may cause accelerated α → γ transformation due to prior cold
deformation; these parameter variations are listed in Table 2. The number of austenite nucleation sites
was varied from 10–40 to reflect a potential increase in ferrite grain boundary area, which serves as an
austenite nucleation site. The diffusivity pre-factor for Mn in ferrite was varied from 0.756–7560 cm2 /s
to reflect a potential increase in the effective bulk diffusivity of Mn through ferrite due to pipe diffusion
in deformed ferrite. Initially, the stored strain energy in ferrite was also varied in order to reflect a
potential increase in driving force due to stored strain energy in deformed ferrite, however, it was
discovered that MICRESS® does not consider the stored strain energy in ferrite to contribute to the
driving force for the α → γ transformation. Stored strain energy is apparently only considered for
like-phase grain boundary migration (e.g., recrystallization).
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Table 2. Parameter Variations for MICRESS® Simulations.
Parameter

Value

Number of γ Nucleation Sites
Mn Diffusivity Pre-Factor in α-D0 (cm2 /s)

10, 20, 30, 40
0.756, 7.56, 75.6, 7560

3. Results
Samples of each condition of the steel were intercritically annealed at 650 ◦ C in a dilatometer
using various heating rates to observe austenite formation during the intercritical anneal. The Ac1
temperatures for each condition and heating rate were also determined using dilatometry. Some
samples were cross-sectioned and metallographically prepared for FESEM analysis to assess the
austenite formation upon heating to 650 ◦ C or heating to 500 ◦ C and holding for 10,000 s. Phase field
simulations were conducted that incorporated variation of some parameters in an attempt to simulate
α → γ transformation due to prior cold deformation.
3.1. Dilatometry
Austenite formed during intercritical annealing was found to transform to martensite upon
cooling. Figure 2 shows the relative dilation response for the CR50 condition upon heating to 900 ◦ C at
12 ◦ C/s followed by cooling to 30 ◦ C at 100 ◦ C/s. Upon heating it is evident that the sample passes
through Ac1 and Ac3 , while upon cooling the martensite start (Ms ) temperature is distinguished
at approximately 380 ◦ C. Figure 3 shows the relative dilation response produced from the CR50
condition upon heating to 650 ◦ C and holding for 50,000 s followed by quenching to 30 ◦ C at 100 ◦ C/s.
Austenite growth is evident from the contraction during the isothermal hold; the Ms temperature
can be distinguished at approximately 230 ◦ C. The lower Ms temperature observed for the sample
isothermally held at 650 ◦ C suggests that Mn partitioning has occurred in this sample, stabilizing the
austenite to a lower temperature.

Figure 2. Dilation response of the CR50 condition during heating to 900 ◦ C followed by quenching to
30 ◦ C at 100 ◦ C/s.

Figure 4 shows the variation in Ac1 temperature observed via dilatometry for each condition and
heating rate. Increasing prior cold deformation is shown to decrease the Ac1 temperature, suggesting
that cold deformation accelerates austenite formation upon heating. This is consistent with the findings
of Azizi-Alizamini et al. [15], where Ac1 temperatures observed upon heating a plain low-carbon
steel were lower for an as-cold-rolled condition relative to an as-hot-rolled condition. Figure 5 shows
austenite volume fraction assessments during intercritical annealing for each condition and for heating
rates of 0.05 ◦ C/s (Figure 5a), 3 ◦ C/s (Figure 5b), and 96 ◦ C/s (Figure 5c). The time shown on the x-axis
has been adjusted in each figure so that 0 s in the figures corresponds to the time when the sample
reached 400 ◦ C. The shaded portion of each plot corresponds to the isothermal holding portion of each
intercritical anneal. Austenite formation prior to reaching the isothermal holding temperature of 650 ◦ C
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is consistent with the Ac1 measurements in Figure 4; considerable austenite formation is detected in
the samples heated at 0.05 ◦ C/s, a small amount of austenite is detected in the samples heated at 3 ◦ C/s,
and virtually no austenite is detected prior to reaching the isothermal holding temperature for the
samples heated at 96 ◦ C/s. For each heating rate, increasing prior cold deformation corresponds to
increasing the α → γ transformation rate.

Figure 3. Dilation response of the CR50 condition during heating and isothermal holding at 650 ◦ C for
50,000 s followed by quenching to 30 ◦ C at 100 ◦ C/s.

Figure 4. Ac1 temperatures assessed via dilatometry for each condition and heating rate.

Figure 5. In situ austenite volume fraction assessments from dilatometry for intercritical annealing at
650 ◦ C for each condition and heating rates of 0.05 ◦ C/s (a), 3 ◦ C/s (b), and 96 ◦ C/s (c). Shaded areas
indicate approximate duration of isothermal hold at 650 ◦ C.
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3.2. Metallography
Figure 6 shows two magnifications of the microstructure of the CR50 condition after being heated
to 650 ◦ C at 0.05 ◦ C/s followed by quenching to 30 ◦ C at 100 ◦ C/s. Considering the corresponding
austenite volume fractions shown in Figure 5a and the dilation response indicating a martensite
transformation upon cooling from a 650 ◦ C isothermal hold shown in Figure 3, the dark etching phase is
identified as martensite which was previously austenite that formed upon heating. The microstructure
indicates that austenite formed as a fine dispersion amongst the deformed ferrite grains. Austenite
appears to have formed predominantly at deformed ferrite grain boundaries. In some instances,
elongated regions of martensite (previously austenite) are distinguished that have grown preferentially
along the deformed ferrite grain boundaries. Other areas of the microstructure evidence more equiaxed
growth of austenite.

Figure 6. Field-emission scanning electron microscope (FESEM) images of the CR50 condition after
heating to 650 ◦ C at 0.05 ◦ C/s followed by quenching to 30 ◦ C at 100 ◦ C/s. Higher magnification of the
boxed region in (a) is shown in (b). Elongated regions of martensite (previously austenite) at deformed
ferrite grain boundaries are labeled A. More equiaxed regions of martensite (previously austenite) are
labeled B. One pct Nital Etch.

Figure 7 shows microstructures for each condition after being heated to 500 ◦ C at 12 ◦ C/s and
isothermally held for 10,000 s followed by quenching to 30 ◦ C at 100 ◦ C/s. Based on the Ac1 temperatures
shown in Figure 4, austenite in these samples is anticipated to have formed isothermally at 500 ◦ C.
The dark etching areas are identified as either martensite or austenite, corresponding to austenite that
formed during the isothermal hold, however, there may be more retained austenite in these samples
due to the greater Mn enrichment in austenite that is anticipated with lower intercritical annealing
temperatures. For the AQ condition, shown in Figure 7a, austenite has formed predominantly on prior
austenite grain boundaries. Alternatively, for the CR50 and CR66 conditions, austenite has formed
predominantly on deformed ferrite grain boundaries. It can be distinguished that a greater number
of austenite grains had formed in the CR66 condition than the CR50 condition, and that a far greater
number of austenite grains had formed in both cold-rolled conditions relative to the AQ condition,
reflecting that increasing prior cold deformation increases the number of austenite nucleation sites.
3.3. MICRESS® Phase Field Simulation
Figure 8 shows microstructural evolution results predicted by MICRESS® . The simulation was
developed to simulate concurrent austenite growth and ferrite recrystallization. As time progresses in
the simulation, the deformed ferrite in the initial microstructure is replaced by strain-free recrystallized
ferrite and austenite. Recovery phenomena are not considered in the simulation; stored strain energy is
only reduced by growth of a strain-free grain into the ferrite with stored strain energy. Recrystallizing
ferrite nucleates homogenously and austenite nucleates at ferrite grain boundaries. Austenite forms
interfaces with both deformed and recrystallized ferrite grains. Austenite growth occurs with an
enriched Mn concentration, while the Mn content in the ferrite is depleted.
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Figure 7. FESEM images of the (a) as-quenched (AQ), (b) CR50, and (c) CR66 conditions after heating
to 500 ◦ C at 12 ◦ C/s and isothermal holding for 10,000 s followed by quenching to 30 ◦ C at 100 ◦ C/s.
Regions of martensite (previously austenite) are labeled α’/γ. Regions of ferrite are labeled α. One pct
Nital Etch.

Figure 8. Exemplary MICRESS® simulation results of intercritical annealing with an isothermal holding
temperature of 650 ◦ C and a heating rate of 96 ◦ C/s. Timesteps are shown at 0 and 500 s. In the
phase maps: (a) The simulation is shown to initially contain only deformed ferrite; after 500 s the
phase map shows the presence of homogenously nucleated recrystallized ferrite and ferrite grain
boundary nucleated austenite. The stored strain energy maps (b) shows that the deformed ferrite
has a distribution of stored strain energy and that recrystallized ferrite and austenite have no stored
strain energy. The medium-manganese (Mn) distribution map (c) shows the simulation initially has a
homogenous distribution of Mn and that austenite growth occurs with an enriched Mn concentration.

Similar to the argument for increased Mn diffusivity in martensite [16,17], the high density of
defects in deformed ferrite likely increases the effective bulk diffusivity of Mn in deformed ferrite
relative to recrystallized ferrite. Thus, it is considered that austenite may grow more rapidly into
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deformed ferrite than recrystallized ferrite due to this increased diffusivity of Mn to the α-γ interface.
Diffusivity (D) of a solute is described by the following Arrhenius-type relation:
D = Do e(−Q/RT)

(1)

where Do is the diffusivity pre-factor, Q is the activation energy, and RT takes its usual meaning of
thermal energy per mole [18]. Figure 9 shows austenite volume fraction plotted against time for
MICRESS® simulations incorporating the different diffusivity pre-factors for Mn diffusivity in ferrite
listed in Table 2. Increasing the diffusivity pre-factor for Mn in ferrite is shown to increase the predicted
austenite volume fraction. However, the amount of increase in the austenite volume fraction decreases
with increasing Mn diffusivity. It should be noted that the greatest diffusivity pre-factor is two orders
of magnitude greater than the second greatest, while the other diffusivity pre-factors are only one
order of magnitude difference.

Figure 9. MICRESS® simulation results for austenite volume fraction during intercritical annealing for
simulations incorporating different Mn diffusivity pre-factors for Mn diffusivity in ferrite (D0 ).

Figure 10 shows predictions for the Mn distributions across α-γ interfaces at 500 s for the
MICRESS® simulations incorporating different Mn diffusivity pre-factors in ferrite. The interface width
for the simulations was 0.06 µm; the center of the interface is overlaid in the appropriate locations on
the figure. For the two lowest Mn diffusivity pre-factors in ferrite the Mn concentration in ferrite was
predicted to decrease approaching the interface, while the simulations for the two greater Mn diffusivity
pre-factors predict virtually no gradient in the Mn concentration in the ferrite. The difference in Mn
gradients in ferrite ahead of the advancing interface corresponds to austenite growth transitioning
from more diffusion controlled to more interface controlled. It is also interesting to note that the
austenite is predicted to grow with a greater Mn enrichment for simulations with greater Mn diffusivity
pre-factors. This suggests that there is driving force for a range of austenite compositions for the α →
γ transformation and that the Mn concentration of the growing austenite can be altered by the Mn
diffusivity in ferrite.

Figure 10. MICRESS® predictions for Mn distributions across the α-γ interface after a 500 s isothermal
hold at 650 ◦ C for simulations incorporating different Mn diffusivity pre-factors (D0 ) for Mn diffusivity
in ferrite.
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An increased number of austenite nucleation sites due to an increase in grain boundary area
in cold-rolled ferrite was considered as a factor contributing to accelerated α → γ transformation.
MICRESS® simulations incorporating the different amounts of austenite nucleation sites listed in
Table 2 were conducted to assess the change in the predicted austenite volume fraction. Figure 11
shows the predicted austenite volume fraction plotted against time for these simulations. As expected,
increasing the number of austenite nucleation sites increased the predicted austenite volume fraction
during intercritical annealing.

Figure 11. MICRESS® simulation results for austenite volume fraction during intercritical annealing
for simulations incorporating different amounts of austenite nucleation sites (γ sites).

4. Discussion
4.1. Martensite Formation Upon Cooling
Generally, the intent of intercritical annealing for medium-Mn steels is for the austenite to
become enriched in C and/or Mn to the extent that it is stabilized to room temperature. However, the
intercritical annealing heat treatments applied in this study led to martensite transformation upon
cooling. Comparing the dilation curves upon cooling in Figures 2 and 3, it is evident that the austenite
formed during isothermal holding at 650 ◦ C underwent martensite transformation at a considerably
lower temperature than the austenite that formed upon heating to 900 ◦ C (above the Ac3 temperature).
In the absence of carbon, the lower Ms temperature exhibited by the intercritically annealed sample is
interpreted to reflect Mn partitioning to austenite during intercritical annealing.
4.2. Ac1 Temperature
Increasing prior cold deformation was found to decrease the Ac1 temperature for low heating
rates. It is suggested that the decrease in Ac1 temperature may be attributed to increased ferrite grain
boundary area caused by cold rolling, and/or an increased driving force for austenite nucleation due
to stored strain energy in ferrite. The prior mechanism is consistent with a previously formulated
austenite nucleation mechanism during intercritical annealing of so-called manganese-partitioning
dual-phase steels proposed by Navara et al. [8]. They proposed that austenite preferentially forms in a
Mn enriched zone behind a migrating ferrite grain boundary, and not at cementite-ferrite interfaces.
Migration of the ferrite boundary was suggested to be caused by diffusion-induced grain boundary
migration which leaves a solute enriched zone behind the migrating boundary [19]. In the present
study, it was found that austenite is capable of ample nucleation in the absence of cementite. With
increasing cold deformation there will be increased ferrite grain boundary area. With a greater amount
of ferrite grain boundary area serving as possible austenite nucleation sites, it would be expected that
a greater number of austenite nuclei would form and that austenite detection upon heating would
therefore be realized at lower temperatures.
The latter mechanism mentioned can be visualized by the schematic shown in Figure 12, where
the deformed ferrite (αDef ) Gibbs free energy curve is raised relative to the undeformed ferrite (α)
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curve by an amount equivalent to the stored strain energy induced by cold deformation (∆GSSE ). Using
the criteria for driving force for nucleation of a phase with a different composition [20] it is shown
that for the arbitrary temperature and alloy composition C0 in the schematic, there is driving force for
austenite nucleation from deformed ferrite whereas there is no driving force for austenite nucleation
from ferrite without stored strain energy. Considering this schematic, austenite should form upon
heating at lower temperatures from ferrite with greater amounts of stored strain energy.

Figure 12. Schematic of Gibbs free energy curves for ferrite, deformed ferrite, and austenite showing
driving force for austenite nucleation only from deformed ferrite.

4.3. Austenite Growth
Consistent with Miller’s work [4], the α → γ transformation during intercritical annealing was
shown in Figure 6 to increase with increasing prior cold deformation. Possible mechanisms for the
increased austenite growth rate are discussed herein which were also incorporated into phase field
simulations. The first mechanism discussed is essentially identical to the argument for decreased Ac1
temperatures due to an increased number of austenite nucleation sites resulting from increased ferrite
grain boundary area produced from prior cold deformation. The microstructures shown in Figure 7
indicate that increasing prior cold deformation results in a greater number of austenite grains upon
intercritical annealing. Additionally, phase field simulations with variations in the amount of austenite
nucleation sites show that increasing the number of austenite nucleation sites is predicted to accelerate
the α → γ transformation; the predicted austenite volume fraction after a 1000 s isothermal hold at
650 ◦ C is increased approximately 330 pct by increasing the amount of austenite nucleation sites from
10 to 40.
Another potential mechanism for the observed increase in the α → γ transformation rate is based
on how an increase in Mn diffusivity in ferrite may affect the α-γ interface velocity. As the intent
of intercritical annealing of medium-Mn steels is to partition Mn to austenite, intercritical annealing
should be conducted at temperatures that require austenite to grow with an enriched Mn concentration,
as opposed to a partitionless α → γ transformation (e.g., massive). Partitioning of Mn after austenite
growth has been predicted to require very long isothermal hold times due to the low diffusivity of
Mn in austenite [21]. Austenite growth that occurs with an enriched Mn concentration requires the
transport of Mn through ferrite to the α-γ interface. Figures 8 and 10 indicate that the MICRESS®
simulations predict the growth of austenite to occur with an enriched Mn concentration. Under this
condition, the migration of the α-γ interface may be described as being under mixed control from
diffusion of Mn to the interface and the mobility of the interface. Figure 13 depicts a Mn concentration
gradient in ferrite ahead of an advancing α-γ interface for mixed control of interface migration as
well as the two extreme cases of diffusion-controlled and interface-controlled [22], where X0, Xi, and
Xα are the nominal Mn concentration of the steel, the actual Mn concentration at the interface, and
the equilibrium Mn concentration in ferrite. The Mn gradient in ferrite should be expected to reside
closer to the diffusion controlled growth curve if there is low Mn diffusivity in ferrite or the interface is
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highly mobile, whereas the Mn gradient in the ferrite would be expected to reside near the interface
controlled line if the Mn diffusivity in ferrite is great or the interface mobility is low.

Figure 13. Schematic showing the Mn concentration in ferrite ahead of an advancing α-γ boundary.

The consideration of increased Mn diffusivity through ferrite due to the high defect density
in deformed ferrite was incorporated into MICRESS® simulations by input of a range of different
diffusivity pre-factors for Mn in ferrite. Increasing the Mn diffusivity pre-factor in simulations
corresponded to an increase in the α → γ transformation rate. The amount of increase in the
transformation rate decreased with increasing Mn diffusivity as the predicted α-γ interface migration
transitioned from more diffusional controlled to more interface controlled; which is evidenced by the
predicted Mn distributions in ferrite ahead of the advancing α-γ interface.
5. Conclusions
In situ austenite growth assessments indicate that increasing prior cold deformation is associated
with accelerated α → γ transformation during intercritical annealing for an ultra-low carbon
medium-Mn steel. Ac1 temperatures were also observed to decrease with increasing prior cold
deformation at low heating rates. Metallography indicates that upon intercritical annealing austenite
forms readily along deformed ferrite boundaries for the CR50 and CR66 conditions and along prior
austenite grain boundaries for the AQ condition. An increase in the number of austenite grains formed
during intercritical annealing was observed for samples with increasing prior cold deformation.
MICRESS® simulations for the prediction of microstructural evolution during intercritical
annealing were conducted with the intent of incorporating mechanisms that may contribute to
accelerated α → γ transformation during intercritical annealing. Simulations with variation in the
number of austenite nucleation sites predicted an accelerated α → γ transformation with increasing
number of austenite nucleation sites. Consistent with metallography and in situ austenite volume
fraction assessments during intercritical annealing for conditions with varying amounts of prior cold
deformation, simulations suggest that an increased austenite nucleation site density is a significant
factor in accelerating α → γ transformation caused by increased prior cold deformation. Simulations
including variations of the diffusivity pre-factor of Mn in ferrite were conducted based on the expectation
that increasing prior cold deformation will increase the dislocation density in ferrite and thus provide
accelerated transport of Mn through ferrite. The α → γ transformation rate was predicted to increase
with increasing diffusivity pre-factor for Mn in ferrite, suggesting that changes in Mn diffusivity in
ferrite due to prior cold deformation could be significant in accelerating α → γ transformation during
intercritical annealing. The predicted increase in the α → γ transformation rate diminished as the Mn
diffusivity in ferrite increased due to the predicted α-γ interface migration transitioning from diffusion
controlled to interface controlled.
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